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A B S T R A C T

Comprehensive atomic simulations have been conducted to compare the effects of pre-existing dislocation 
densities on the intermittent plastic behaviors of CoCrNi medium-entropy alloy (MEA) single-crystalline nano
pillars with that of pure metal nanopillars. In contrast to pure metal nanopillars that demonstrate prolonged 
nearly elastic loading and reloading segments, the MEA nanopillars show short loading and reloading segments 
and high dislocation densities throughout the entire deformation process, suggesting that mechanical annealing 
is substantially suppressed in MEA nanopillars. The closely spaced junctions between the short-range-order 
domains and adjacent Ni clusters exert exceptionally strong local Peierls friction forces that not only slow 
down dislocation slip, but also increase the probability for dislocation entanglement. As a result, high densities of 
dislocations can be accumulated during the plastic deformation of the MEA nanopillars, leading to suppression of 
mechanical annealing and transition from exhaustion hardening to strain hardening. This work provides new 
insights to the plastic deformation of MEA nanopillars that are distinctive from pure metal nanopillars.

1. Introduction

The research on the mechanical behaviors and deformation mecha
nisms of nanopillars has gained tremendous momentum since the 
beginning of the new millennium [1,2], in support of the fast develop
ment of nanotechnology [3,4] and scaling-down of 
micro-electro-mechanical systems [5]. After 20 years of research and 
development, we have realized that there are strict scaling laws gov
erning the stress-strain responses of nanopillars, including 
size-dependent dislocation nucleation [6–8], size-dependent crystal 
flow [9] and strain-rate dependent plasticity [10–12]. All these scaling 
laws relate to the very high surface-to-volume ratio [10,11,13], very 
small volume and limited dislocation storage capacity (dislocation 
density) [2,11]. Apparently, high surface-to-volume ratio and minuscule 
volume are the geometry characteristic of nanopillars, and thus cannot 
be changed with much freedom. The only factor with a large adjustable 
range seems to be the dislocation storage capacity. For nanopillars made 

of pure metals or dilute solid solutions (most of the conventional alloys), 
on one hand the plastic flow is confined in a very small volume having 
the short axis of only a few tens or hundreds of nanometers; On the other 
hand, the forces exerted by lattice friction, solute pinning and disloca
tion entanglement, are insufficient to counterbalance the combined ef
fect of image force [2], shear stress and repulsive force (between 
dislocations) [14]; Therefore, dislocations (plastic strain carriers) can 
easily escape from the pillar surface [15], resulting in mechanical 
annealing [2] and dislocation starvation [16]. From this point of view, 
the dislocation storage capacity is also limited in the nanopillars. So, is 
this the end of the road?

In recent years, high- and medium-entropy alloys (HEAs and MEAs), 
which are concentrated solid solutions, have received tremendous 
attention from both scientific and engineering communities, because of 
the vastly adjustable atomic configurations [17,18] and excellent low 
temperature mechanical properties [19]. Provided that enthalpic in
teractions favor chemical affinity of elemental pairs in concentrated 
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solid solutions [20–25], the scenario of the ideal random solid solution 
[26–30] is insufficient to describe HEAs and MEAs. In fact, the charac
teristic multi-principal element design grants the possibility of having 
different atomic configurations such as random elemental distribution, 
chemical short-range ordering (SRO) [17,18,20,31–37], segregation, 
clustering [38–41] and incipient concentration waves [17,42] in HEAs 
and MEAs without changing the bulk compositions. By adjusting the 
atomic configurations, it is possible to elevate the dislocation storage 
capacity to a very high level [43–45], and thus to stimulate a superior 
forest hardening effect in a solid solution [46,47].

While it is known that the mean-field conditions for forest hardening 
breaks down in minuscule volumes [9], we would not expect substantial 
forest hardening in nanopillars. However, considering the high dislo
cation storage capacity and the strong dislocation pinning effects from 
local atomic configurations, we wonder if at least the dislocation star
vation [2] can be suppressed in the nanopillars of concentrated solid 
solutions. Moreover, when a very high density of dislocations comes to 
play in the deformation of a nanopillar, can the plastic flow be different 
from the conventional metallic nanopillars.

In this work, we use atomistic models that mimic the plastic defor
mation of CoCrNi MEA nanopillars with varied local chemical orders 
and vastly varied densities of pre-existing dislocations, to demonstrate 
that the usually observed mechanical annealing can be suppressed by 
the strong local Peierls friction forces associated with chemical short- 
range ordering. Moreover, dislocation entanglement and accumula
tions have been observed in the CoCrNi MEA nanopillar with SRO, 
showing for the first time the sign of strain hardening in the single- 
crystalline nanopillar with the diagonal length of only a few tens of 
nanometers.

The remaining sections of this work are organized as follows: Section 
2 details the molecular dynamics (MD) simulation methods. Section 3
presents the results, starting with the uniaxial compression responses of 
single crystalline nanopillars and the associated dislocation activities; 
then, the physical origin of the high dislocation storage capacity of 
CoCrNi nanopillars is revealed by explicating the local Peierls friction 
forces; in addition, the unexpected strain hardening in CoCrNi nano
pillars is revealed. In Section 4, the mechanical annealing behaviors in 
pure metal and CoCrNi nanopillars are compared and discussed, based 
on our simulation results and experimental evidences from literatures; 
furthermore, the fundamental mechanism underlying the transition 
from exhaustion hardening to strain hardening in CoCrNi nanopillars is 
discussed in detail. In Section 5, main conclusions are drawn to tie 
together the key findings and main arguments.

2. Methodology

In this section, the modeling of nanopillars with pre-existing dislo
cations is presented; The definition and calculation of the SRO param
eter are elaborated; The calculation procedure for the local Peierls 
friction force based on the interatomic potential is provided and clarified 
in detail.

2.1. Modeling and MC/MD simulation

In this work, all atomistic simulations were performed based on the 
LAMMPS code [48]. The density functional theory (DFT)-calibrated 
embedded atom method (EAM) potential developed by Li et al. [18] was 
used to study the mechanical annealing behaviors of the CoCrNi and Ni 
single-crystalline nanopillars. Compared with the experimental and DFT 
calculation results [34,49], this potential can be used for predicting 
materials properties such as lattice constant, unstable and stable stack
ing fault energies (SFEs) with confidence. Four sets of nanopillars with a 
consistent size of 20×20×30 nm3 were made: (1) random solid solution 
(RSS) CoCrNi, (2) CoCrNi alloy with SRO, (3) pure Ni and (4) pure Cu 
[50]. The RSS nanopillars were constructed in the ATOMSK program 
with random substitutions of atoms of different species [51]. Then, the 

SRO nanopillars were obtained by the hybrid Monte Carlo (MC) and MD 
methods [52,53]. For MC trials, chemical potential differences ΔμNiCo 
and ΔμNiCr were set as 0.021 and -0.31 eV, respectively. The variance 
parameter κ was set to be 1000. Hybrid MC/MD relaxation with N/4 
times (N is the number of atoms) of trial swaps every 0.05 ps for a total of 
80000 cycles was performed, and each model was relaxed at 300 K using 
NPT ensemble [54]. The typical RSS and SRO models are shown in 
Fig. 1a and b, respectively. The chemical short-range order parameter 
proposed by Fontaine [55] was used to define the degree of ordering at 
the first nearest neighbor: αij = 1 - Pij/Cj (i ∕= j) and αii = Pii – Ci/(1- Ci), 
where αij represents the chemical short-range order parameter between 
i-type and j-type atoms; Pij is the probability of finding a j-type atom near 
an i-type atom; Ci and Cj denote the average concentrations of i-type and 
j-type atoms, respectively. Fig. 1c presents the chemical short-range 
order parameter αij at the first nearest neighbor. For the RSS system, 
all αij are close to zero, demonstrating the random distribution of three 
principal elements. For the SRO systems, positive αNiNi indicates the 
presence of Ni segregation while negative αCoCr represent local Co-Cr 
ordering.

The bulk properties and defect properties of the materials were 
calculated by Molecular statics (MS) simulation and are presented in 
Table 1. The nanopillars in the initial states were obtained by manually 
inserting full dislocation loops and subsequently annealing at 300 K for 
300 ps via the NPT ensemble, as shown in Fig. 2. Specifically, a total of 
36 full dislocation loops were inserted into four unparallel {111} planes 
to obtain different initial dislocation densities (1015 ~ 1017 m− 2). The 
radii of the dislocation loops were set to 30~70 Å. The dislocation loops 
are non-overlapping and randomly distributed on atomic planes. The 
manually inserted full dislocation loops would undergo stochastic 
mutual trapping and escaping processes until a thermal equilibrium was 
reached (Fig. 2a and b). Therefore, the desired densities of pre-existing 
dislocations can only be obtained after multiple trials. Fig. 2c shows the 
local dislocations in the thermally balanced nanopillars, including single 
dislocation loop (I and II) and entangled complex dislocation configu
rations (III and IV), which are comparable to the defective pillars in the 
experiments [56]. It is noteworthy that the full dislocation loops were 
inserted after the MC/MD simulations, which hence affected the degree 
of SRO. Fig. 1c shows short-range order parameters αij for typical SRO 
nanopillars with different initial dislocation densities (ρinitial), and 
Fig. 1d shows the corresponding dislocation networks. In this case 
(Fig. 1c), the perfect SRO nanopillar exhibits the highest degrees (αij) of 
Co-Cr ordering and Ni segregation; As the dislocation density increases 
to ρinitial = 2.39 × 1015 m− 2 and further to ρinitial = 1.06 × 1017 m− 2, all 
αij decrease. However, the αij of Co-Cr ordering and Ni segregation 
remained at high levels, for which the values of αCoCr and αNiNi were 
reduced by only 0.027 and 0.01, respectively, with respect to the perfect 
nanopillar (Fig. 1c). This is because the damage to SRO by dislocation 
slip was small during the relaxion process.

2.2. Uniaxial compression simulation and data analysis

Uniaxial compressive loads along the [111] directions were applied 
to all single-crystalline nanopillars (Fig. 2b). This orientation has a low 
Schmid factor and therefore is considered the “hard orientation”, which 
shows large rise and fall of stresses during the exhaustion hardening and 
dislocation avalanche, respectively [57,58]. The four surfaces parallel to 
the loading direction were set as free boundaries in each pillar. The 
samples were compressed with a constant strain rate of 1×108 s–1. 
During loading, all samples were kept at the constant temperature of 300 
K via the NVT ensemble. The stress was obtained by averaging the virial 
compressive stresses of all atoms in the samples. Post-processing was 
done based on the modules performed in OVITO [59]. The information 
of dislocation lines was extracted by the dislocation extraction algorithm 
(DXA) [60,61], the method that allows us to identify the types of dis
locations and obtain the number of dislocation junctions. The von Mises 
atomic shear strain was calculated based on the method developed by 
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Shimizu et al. [62].

2.3. Calculation for the local Peierls friction force FP

An example for the calculation of the local Peierls friction force (FP) 
in the RSS system is given as steps 1 to 4 (the same procedure was 
applied to the SRO system):

Step 1: Plot the cohesive energy vs. lattice constant curve to obtain 
the equilibrium lattice constant (corresponding to the lowest energy) for 
the target system at 0 K, as shown in Fig. 3a. Use the equilibrium lattice 
constant to construct a single crystal sample, as shown in Fig. 3b.

Step 2: The crystal model was divided into two parts, the ‘Upper’ and 
‘Lower’ parts, by the {111} generalized stacking fault (GSF) plane, as 
shown in Fig. 3b. While the lower part was kept still, serial 

displacements (δx, δy) of the upper part were done in the [101] and 
[121] directions with energy minimization after per displacement. In 
order to obtain a smooth atomic energy landscape in post processing, it 
is recommended to use ‘fix setforce’ and ‘fix aveforce’ commands during 
energy minimization, so that the forces acting on the atoms in [101] and 
[121] directions are set to 0, while the forces acting in [111] direction 
are distributed equally per atom. Simulation boxes were energy- 
minimized by using the fire algorithm [63] with energy and force tol
erances of 10− 12 eV and 10− 14 eV/Å, respectively. Periodic boundary 
conditions were enforced in the [101] and [121] directions, and the 
non-periodic boundary condition was enforced in the [111] direction.

Step 3: The potential energy of each atom on the GSF plane after 
displacements (δx, δy) was extracted and stored using a Python script. 
Then, the GSF energy landscape for each atom was interpolated using 

Fig. 1. Atomic configurations of single-crystalline MEA nanopillars: (a) RSS and (b) SRO pillars; (c) The chemical short-range order parameters αij of the RSS/SRO 
nanopillars with different initial dislocation densities ρinitial at the first nearest neighbors. (d) Dislocation networks in the defective SRO nanopillars corresponding 
to (c).
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cubic splines to generate smooth paths, as exemplified in Fig. 3c.
Step 4: Three local minima points (points i, ii and iii in Fig. 3c) on the 

GSF energy landscape were extracted by using the BFGS algorithm [64]. 
Then, the GSF energy along the path i→ii→iii was plotted as the orange 
line in Fig. 3d. Finally, the local Peierls friction forces (Fig. 3d) experi
enced by the leading and trailing dislocations can be obtained by finding 
the highest slopes on the GSF energy profile.

3. Results

In this section, mechanical annealing in pure metal and CoCrNi alloy 
nanopillars are studied based on uniaxial compression responses and 
dislocation activities. Suppression of mechanical annealing in CoCrNi 
nanopillars is revealed, and explained based on the analysis of local 
Peierls friction forces; Finally, transitions from exhaustion hardening to 
strain hardening in SRO CoCrNi nanopillars during plastic deformation 
are revealed.

3.1. Elastic and plastic strain in nanopillar deformation

Figs. 4a-d show the stress-strain responses for the single-crystalline 
nanopillars with different densities of pre-existing dislocations sub
jected to uniaxial compression. The densities of pre-existing dislocations 
were varied but below 5×1015 m− 2, which are comparable to the 
dislocation densities found in experimental results [2,65–67]. All 
nanopillars show multiple stress drops and subsequent reloading seg
ments during compressive plastic deformation, resulting in the zig-zag 
shape stress-strain curves as shown in Fig. 4a–d, despite of different 
compositions and chemical ordering. For the RSS CoCrNi pillars as 
shown in Fig. 4a, the initial yielding stresses are approximately 6.5–7.4 
GPa which are very close to the highest stresses of ~7.2–8.0 GPa 
attained at some of the reloading peaks during the compressive defor
mation after yielding. At the end of each stress drop (it is also the starting 
point of each reloading segment), the stress dropped significantly to 
~2.0–3.5 GPa. For the SRO CoCrNi pillars as shown in Fig. 4b, the initial 
yielding stresses are in the range of ~8.2–9.6 GPa which are signifi
cantly higher than that of the RSS CoCrNi pillars, despite of the same 
overall chemical composition. It is worth to note that the highest stresses 
of the SRO CoCrNi pillars during the plastic deformation stage never 
exceed the yield stresses, indirectly showing the “glide plane softening” 
effect [20–22].

To clarify the “glide plane softening” effect, the GSF energy curves 
for atomic displacements along (111) <112> in the SRO and RSS models 
were calculated. The models with the size of 7.56 × 8.73 × 9.26 nm3 

were built on the [110]-x, [112]-y and [111]-z coordinate system. The 
GSF energy curves were obtained by displacing one half of the crystal 
along a (111) surface in the [112]-y-direction with subsequent energy 
minimization. Periodic boundary conditions were applied in both x- and 
y-directions, while the atoms were allowed to relax along z-direction. 
Since it is impossible to accurately perform rigid displacements along 
the directions of a leading partial dislocation and a trailing partial 
dislocation (two non-perpendicular directions) in the same 

Table 1 
Calculated bulk and defect properties of CoCrNi, pure Ni and Cu using EAM 
potentials developed by Li et al. [18] and Mishin et al. [50]. The lattice constant 
a, cohesive energy Ecoh, elastic constants C11, C12, and C44, shear modulus G, 
stable stacking fault energy γisf and unstable stacking fault energy γusf are 
included.

RSS SRO Ni Cu

a (Å) 3.556 3.560 3.52 3.615
Ecoh (eV/atom) -4.32 -4.41 -4.45 -3.54
C11 (GPa) 251.5 267 262 170
C12 (GPa) 179 198 155 122
C44 (GPa) 95.2 100 122 76
G (GPa) 64.65 65.32 87.63 47.95
γisf (mJ/m2) ~-18 ~60 125 44
γusf (mJ/m2) ~312 ~342 366 161

Fig. 2. Modeling of nanopillars containing pre-existing dislocations. (a) A single-crystalline nanopillar containing manually inserted dislocation loops; (b) The 
annealed nanopillar containing pre-existing dislocations; (c) Enlarged views of dislocation structures in (b).
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configuration, we will only investigate the energy barriers related to the 
leading partial dislocation. Fig. 5a and b show GSF energy curves for the 
SRO and RSS models, respectively. The unstable stacking fault energy 
Ei

usf is thus equal to the energy barrier ΔE1
barrier for the formation of a 

leading partial dislocation in the SRO or RSS structure. ΔE2
barrier and 

ΔE3
barrier are the energy barriers for the formation of leading partial 

dislocations on the same slip plane in the subsequent two slip periods, as 
shown in Figs. 5a and b. ΔEi

final(i= 1, 2, 3) is the energy of the atom in 

the equilibrium position after completing the unit displacement, 
̅̅
6

√

6 a. 
Sequential cross-sectional snapshots on a selected (110) plane in the 
SRO model are shown in Fig. 5c–h, corresponding to the points labelled 
c-h in Fig. 5a. The top half of the model is displaced in the [112]-y-di
rection, resulting in the sequential change of atomic arrangements on 
the displaced (111) plane. Due to the relative sliding of the upper half of 
the crystal, the atoms on the two adjacent (111) planes deviated from 
the original face-centered-cubic (FCC) structure (colored in green) and 
were identified by common neighbor analysis as the unknown type (the 
white atoms).

GSF energy calculation has been repeated ten times for both SRO and 
RSS structures for statistical analysis. The results are shown in Fig. 5i. By 
comparing the orange bars at the positions 1, 2 and 3 on Fig. 5i, it can be 
seen that ΔE1

barrier is about 33 ~ 38 mJ/m2 larger than ΔE2
barrier and 

ΔE3
barrier; This result indicates that once a leading partial dislocation has 

glided across the (111) plane, the energy barrier for the subsequent 

leading partial dislocation slip is reduced due to the destruction of SRO. 
The heights of the orange bars at the positions 2 and 3 are similar to the 
heights of the purple bars at the positions 1, 2 and 3; This comparison 
result indicates: (1) Once the SRO is destroyed by the first leading partial 
dislocation, the energy barriers for the following leading partial dislo
cation slip are reduced to the level similar to that in the RSS structure; 
(2) The first leading partial dislocation slip does negligible change to the 
energy barrier for subsequent dislocation slip in the RSS structure. 
Moreover, the intrinsic stacking fault energies Ei

isf (i= 1, 2, 3)=̂ΔEi
final 

of the SRO structure also decreased from ~58 mJ/m2 at position 1 to -22 
and -26 mJ/m2 at positions 2 and 3, respectively. This result indicates 
that dislocation slip in an SRO structure also changes the SFEs on the slip 
planes. The quantitative analysis also shows that the short-range order 
parameters αij of the five typical SRO nanopillars (Fig. 4b) will continue 
decreasing during plastic deformation, as shown in Supplementary in
formation S1. To sum up, planar slip in the SRO structure can cause 
plane softening by reducing the energy barrier for dislocation slip.

Once the initial yielding and subsequent stress drop occurred, the 
dislocation avalanche broke down the initial state of SRO, hence the 
stress was lowered for successive stress drops. The lowest stresses 
attained at the ends of stress drops for the SRO CoCrNi nanopillars were 
~2.8–3.3 GPa which were very much comparable to the RSS CoCrNi 
nanopillars. For comparison purposes, the stress-strain responses of Ni 
and Cu nanopillars are provided in Fig. 4c and d, respectively. For all Ni 
nanopillars and the Cu nanopillars 1, 2, and 3, the highest stresses were 

Fig. 3. Calculation example of the local Peierls friction force. (a) Cohesive energy vs. lattice constant for the equimolar CoCrNi MEA at 0 K (the lowest energy 
corresponds to the equilibrium lattice constant). (b) The crystal model built for calculating the GSF energy. (c) The local GSF energy landscape resolved for the 
displacement of a single atom along the path i→ii→iii. (d) The local GSF energy profile (green line) and its gradients (orange line) along the path i→ii→iii in (c).

L. Wang et al.                                                                                                                                                                                                                                   International Journal of Mechanical Sciences 287 (2025) 109979 

5 



all recorded at the initial yielding points. During the compressive 
deformation, the stresses drop significantly to below 1 GPa for all Ni and 
Cu nanopillars after stress drops, despite that the yield stresses of Ni 
nanopillars are ~12.8–13.6 GPa which are significantly higher than the 

CoCrNi nanopillars.
After every stress drop, a nearly elastic reloading segment that 

demonstrates linear increase of stress with increasing strain will form 
until the next stress peak, as shown in Fig. 4a–d. A parameter εRS is 

Fig. 4. Compressive stress-strain curves for the nanopillars containing different initial dislocation densities: (a) RSS CoCrNi MEA nanopillars; (b) SRO CoCrNi MEA 
nanopillars; (c) pure Ni nanopillars; (d) pure Cu nanopillars. (ρinitial is the density of pre-existing dislocations in a nanopillar.) (e) Comparison of average strain per 
reloading segment. (f) The fraction of total strain contributed by reloading segments. (The error bars represent the standard deviations among the set of five curves).
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proposed here to describe the average strain attained by the reloading 
segments on each entire stress-strain curve, and the values of εRS are 
compared for all four sets of nanopillars in Fig. 4e. The εRS measured for 
both RSS and SRO CoCrNi nanopillars are very low in comparison to the 
pure metal nanopillars. The SRO CoCrNi nanopillars have the lowest εRS 
= 0.00714 which is three times smaller than the Ni nanopillars (εRS =

0.02116), as shown in Fig. 4e. The total strain carried by the reloading 
segments (εRt) is divided by the total strain attained (εp) after initial 
yielding to reveal the fraction of strain carried by the reloading segments 
(the contribution of near elastic reloading strain to the total strain after 
yielding), and the result is shown in Fig. 4f. All nanopillars have been 

deformed to the same strain of 0.15, but the fractions of strain carried by 
the reloading segments for pure metal nanopillars and CoCrNi nano
pillars are very different; Again, the SRO CoCrNi nanopillars have the 
lowest εRt

εp 
= 41.48% which is smaller than that of Ni nanopillars (εRt

εp 
=

68.41%) by 26.93%.

3.2. Dislocation activities and mechanical annealing

As shown in Fig. 6a–d, the dislocation densities for all four types of 
nanopillars stay at comparatively low levels during the nearly elastic 
initial loading. At the strains ~ 0.0330 - 0.0435, sharp increase in 

Fig. 5. Representative GSF energy curves along (111) <112>. (a) SRO and (b) RSS structures (the unit displacement is 
̅̅
6

√

6 a). ΔEi
barrier =̂Ei

usf (i = 1, 2, 3). 
ΔEi

final =̂Ei
isf (i = 1, 2, 3). (c-h) Sequential cross-sectional snapshots showing the atomic structures at the corresponding positions marked (d)-(h) in (a). (i) The 

statistical bar chart compares ΔEi
barrier and ΔEi

final from total twenty SRO and RSS models. The error bars correspond to the standard deviations.
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dislocation densities is seen in the RSS CoCrNi nanopillars; For the SRO 
CoCrNi nanopillars, sharp increase in dislocation densities occurred at 
slightly higher strains ~ 0.0373 - 0.0450. For pure Ni and Cu nano
pillars, the dislocation densities boomed at the strains ~ 0.048 - 0.051 
and ~ 0.042–0.048, respectively. It is noticed that the Cu nanopillars 4 
and 5 show small dislocation density peaks at strains 0.0255 and 0.03, 
respectively. The dislocation densities in RSS and SRO nanopillars 
fluctuate during plastic deformation but within the ranges of 2.45×1015 

- 2.62×1016 m− 2 and 3.78×1015 - 3.78×1016 m− 2, respectively; In 
contrast, the variation ranges of dislocation density for Ni and Cu 
nanopillars are 9.19×1014 - 7.72×1016 m− 2 and 0 - 7.75×1016 m− 2, 
respectively.

In this simulation work, the initial dislocation densities in all four 
types of nanopillars are set to similar ranges (similar error bars), as 
shown in Fig. 6e. At the ends of stress drops, the dislocation densities in 
pure Ni and Cu nanopillars drop significantly to the lower end of 1015 

m− 2 or even zero, to demonstrate mechanical annealing [2]. However, 
the lowest dislocation densities in the RSS nanopillars attained at the 
ends of stress drops are comparable to that of the initial dislocation 
densities but in a smaller range of variation (a small error bar). Inter
estingly, the dislocation densities after stress drops in the SRO 

nanopillars are even increased and with a large variation range, sug
gesting the absence of dislocation starvation. It is noteworthy that the 
numbers of dislocation multi-junctions (consisting of three or more 
heads/tails of the dislocation lines) in the typical RSS and SRO nano
pillars during deformation is relatively stable, maintaining at 7 to 32 and 
12 to 56 (Fig. 6f), respectively. In contrast, the numbers of 
multi-junctions in pure Ni and Cu nanopillars vary considerably with 
intermittent exhaustion hardening and dislocation avalanche, fluctu
ating in the vary large ranges, 10 to 143 and 1 to 74 (Fig. 6f), respec
tively. Apparently, mechanical annealing has been somehow suppressed 
in both RSS and SRO MEA nanopillars, despite of continuous creation 
and decomposition of multi-junctions.

At the end of each stress drop, a large number of dislocations escaped 
from the nanopillar surface under the combined effect of the applied 
stress and image forces, leading to significant reduction of dislocation 
density. This phenomenon is called mechanical annealing which is 
common in plastically deformed nanopillars of pure metals [68,69]. 
However, in the current case all three types of dislocations, Shockley 
partial, stair-rod and Hirth-lock dislocations are reserved at the ends of 
stress drops, and the dislocation densities are still high in the RSS 
(Fig. 7a) and SRO (Fig. 7b) nanopillars. In contrast, the dislocation 

Fig. 6. Dislocation density evolutions during the plastic deformation of nanopillars. (a-d) Dislocation density evolution in RSS, SRO, pure Ni and Cu nanopillars. The 
result is extracted from the same 20 nanopillars analyzed in Fig. 4. (e) Comparison between the lowest dislocation densities attained during deformation (cyan 
diamonds) and the initial densities of pre-existing dislocations (black diamonds). The black arrows indicate the change of dislocation density with respect to the 
initial dislocation density. (f) Evolutions of the numbers of dislocation multi-junctions in the typical RSS, SRO, pure Ni and Cu nanopillars with similar initial 
dislocation densities (the fifth nanopillars in Fig. 4a–d).
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densities in the pure Ni and Cu nanopillars have dropped to very low 
levels. Only a few Shockley partials, which are pinned by sessile 
stair-rod and Hirth-lock dislocations, are conserved in the Ni nanopillar, 
as shown in Fig. 7c. In the Cu nanopillar, there is no Shockley partial at 
all, as shown in Fig. 7d.

Representative dislocation slip-motion and interactions in an SRO 
nanopillar are shown in Fig. 7e–h. The gliding 1/6[211] Shockley 
dislocation shows meandering shapes, because short segments of the 
dislocation are intermittently pinned by some atoms (encircled by red 
dashed lines in Figs. 7 e and g). Note that meandering and wavy dislo
cation lines have been a characteristic feature in MEAs and HEAs with 
nanoscale chemical-order heterogeneities [18,70], which are related to 
compositional complexities [71]. The long meandering dislocation line 
glides forward to encounter a pre-existing dislocation loop (truncated in 
a dashed box in Fig. 7f). The loop also poses drag to a segment of the 
forward-moving dislocation line to create the large curvature, as shown 
in Fig. 7g. Eventually, under the effect of shear stress the long disloca
tion line de-trapped from the loop and atomic pinning sites, as shown in 
Fig. 7h. During the dislocation-loop interaction, the loop length 
(circumference) at first increased from 6.03 nm to 6.23 nm due to the 

change in local stress state. Once the dislocation line de-trapped from 
the loop, the loop length was reduced to 5.07 nm. The length of a 
dislocation loop is governed by the SFE (exerting chemical forces against 
climb), line tension [72,73], local Peierls friction force (or Peierls stress) 
[70,74] and shear stress. However, when a dislocation line driven by the 
shear stress glides across a loop in a concentrated solid solution such as 
the MEA nanopillar shown in Fig. 7e–h, the local-chemical-order can be 
altered, resulting in changed line tension, SFE and local Peierls friction 
force. As a result, the equilibrium length of the loop was reduced from 
6.03 nm to 5.07 nm, as shown in Fig. 7e–h. However, the applied shear 
stress was insufficient to drive the loop out of the nanopillar.

Fig. 7i–l are the snapshots from Video S1, showing the von Mises 
atomic shear strain in the RSS, SRO, pure Ni and Cu nanopillars, 
respectively, corresponding to the fifth nanopillars in Fig. 4a–d. All 
snapshots are taken at the compressive strain of 0.08, by then stress 
drops have occurred a few times already. The plastic strain is carried by 
dislocation slip; therefore, the strain fields reveal the slip paths of dis
locations. The RSS, pure Ni and Cu nanopillars show strain fields of high 
magnitudes in multiple slip planes and slip systems. In contrast, only a 
few slip planes with very strong strain fields are created in the SRO 

Fig. 7. Dislocations in nanopillars. (a–d) Dislocations in the RSS, SRO, pure Ni and Cu nanopillars (the fifth nanopillars in Fig. 4a–d) at the ends of stress drops, 
respectively. The strains are provided at the bottom left corners. (e–h) Snapshots showing a large segment of a dislocation glides across a loop in an SRO nanopillar. 
The white arrows indicate the slip direction of the Shockley partial dislocation. (i–l) Snapshots showing strain fields in the RSS, SRO, pure Ni and Cu nanopillars (the 
fifth nanopillars in Fig. 4a–d) at the compressive strain of 0.08, respectively. (The color codes for dislocations, atoms and shear strain are provided on the right-hand 
side column).
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nanopillar, suggesting that dislocations are strictly confined to a few slip 
systems. This is because the local-chemical-orders, which provide high 
energy barriers, are broken by the leading dislocations (Fig. 5), making 
it much easier for subsequent dislocations to glide on the same but 
softened planes. Whereas many slip systems can be activated for strain 
accommodations in a pure metal nanopillar, because the leading dislo
cations pose minor effect on the energy barriers for trailing dislocations, 
and the choice of slip systems depends only on Schmid factors and 
critical resolved shear stress. The majority of the planar defects in the 
SRO nanopillars, formed during dislocation avalanche, are stacking 
faults (SFs) and multilayer hexagonal close-packed (HCP) structures, 
while a few nano-twins (NTs) are also observed occasionally, as shown 
in Supplementary information S2. NTs, SFs and multilayer HCP struc
tures are all formed via partial dislocation emission, but the nanoscale 
pillar size reduces the propensity for deformation twinning [75].

3.3. The physical origin of high dislocation storage capacity

To reveal the physical origin for enhanced dislocation storage ca
pacity and thus the resultant suppression of mechanical annealing in 
SRO nanopillars, local Peierls friction force FP [70] which is the major 
force against the escape of dislocations is studied in detail. According to 
the classic Peierls model [74] for dislocation slip, the Peierls stress that 
drives dislocation slip is proportional to the maximum gradient along 
the Peierls energy profile connecting two adjacent stable dislocation 

positions. Utt et al. [70] proposed that analogous to the idea of Peierls 
stress, FP is the maximum gradient of the local GSF energy landscape. FP 
is attributed to the dislocation pinning effect by the local atom or at
mosphere; therefore, it is an ideal descriptor for dislocation pinning in 
concentrated solid solution systems. Provided that the area per atom is 
not well defined in MEAs or HEAs due to strong lattice distortions, it is 
impractical to normalize FP (in the unit of force, eV Å− 1) to stress (eV 
Å− 3). It is noteworthy that the fewer atoms used to define the local GSFE, 
the stronger the effect of the invariant transformation of EAM inter
atomic potential [76]. Therefore, the local GSFE and the corresponding 
gradient defined based on the potential energy of a single atom may 
have numerical errors. Instead of using the single value of FP, the FP 
values have to be collectively compared in order to reveal the disloca
tion pinning effects associated with different types of atoms.

Fig. 8a shows the global GSF energy landscape of the CoCrNi MEA. 
The triangular region i-ii-iii corresponds to the dissociation of a full 
dislocation into a pair of Shockley partials, a

2 [101] = a
6 [112] + a

6 [211], 
where a is the lattice constant, and vectors i→ii and ii→iii correspond to 
the Burgers vectors of the leading and trailing partial dislocations, 
respectively [77]. The GSF energies projected on the atomic positions 
are symmetric, because the global GSF energy landscape has been ob
tained by averaging over the entire GSF plane. By conducting the steps 
described in Section 2.3, the local GSF energy landscape showing spe
cific energy contribution to each atom can be obtained, as exemplified in 

Fig. 8. GSF energy landscape and local Peierls friction force. (a) The global GSF energy landscape projected on the X-Y coordinate system for the CoCrNi MEA. (b) 
The local GSF energy landscape resolved for the displacement of a single atom along the path i→ii→iii. (c) The local GSF energy profile (green line) and its gradients 
(orange line) along the path i→ii→iii in (b). (d-i) Distributions of FP for each type of atoms in the RSS and SRO systems. (j) and (k) show the collective distributions of 
FP for all atoms. (The vertical gray dashed lines mark the means of the unimodal distribution curves, while the vertical yellow dashed line marks FP of the pure Ni 
sample for the comparison purpose). (l) A map of correlated FP (each per-atom FP value is deduced by averaging from the surrounding atoms within the radius of 3 Å), 
and (m) The corresponding elemental distribution on the (111) GSF plane in the SRO CoCrNi MEA.
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Fig. 8b. In this example, the local GSF energy landscape is asymmetric 
due to the changing chemical environment around a single Co atom 
during the atomic displacement [70], nonetheless three local minima 
marked i, ii and iii can still be identified. The local GSF energy profile 
associated with the displacement of the Co atom along the path i→ii→iii 
(Fig. 8b) is plotted as the green curve, and the gradients of the energy 
profile is plotted as the orange curve, as shown in Fig. 8c. Therefore, in 
this case, the leading partial caused the displacement of the Co atom 
from i to ii, and the trailing partial caused the subsequent displacement 
of the Co atom from ii to iii, to complete a full dislocation slip. The FP1 
and FP2 marked on the two gradient peaks are thus corresponding to the 
local Peierls friction forces experienced by the leading and trailing 
partials, respectively.

We analyzed 2400 atoms on the GSF plane for each RSS and SRO 
model to plot the distributions of FP for single type (Fig. 8d–i) and all 
atoms (Fig. 8j and k). We calculated the average value (μ) of FP for each 
type of atoms, and marked the positions of μ on the bar charts with 
vertical gray dashed lines. As shown in Fig. 8d, e, h and i, the μ for Co 
and Ni in the SRO model are higher than that in the RSS model. Only the 
μ for Cr in the SRO model is slightly lower than that in the RSS model 
(Fig. 8f and g). As shown in Fig. 8j and k, μ = 0.149 in the SRO model is 
clearly higher than μ = 0.136 in the RSS model; It proves that a gliding 
dislocation experiences a higher pinning (force) in the SRO sample than 
in the RSS sample. In contrast, FP in the pure Ni sample is a constant 
value 0.11 eV/Å (marked by a yellow dashed line in Fig. 8j). However, 
one cannot simply attribute the stronger dislocation pinning (force) in 
the SRO sample to Co and Ni atoms, because even for the same type of 
atom, its energy state may alter dramatically due to different local- 
chemical-order in HEAs and MEAs [18,70,78]. This is different from 
conventional dilute solid solutions, for which the solute atoms are sur
rounded by the same host atoms. Thus, we looked into a bigger picture 
which concerns local-chemical-order for the strong dislocation pinning 
effect in the SRO sample. As revealed in Fig. 8l, a map of correlated FP is 
drawn by averaging FP values from the surrounding atoms within the 
radius of 3 Å. Thus, the value of correlated FP reflects implicitly the 
pinning point strength due to the local-chemical-order. Then the map of 
correlated FP (Fig. 8l) is directly projected onto the elemental distribu
tion map (Fig. 8m) to show the local-chemical-order structures (encir
cled areas in Fig. 8m) which impose strong pinning (forces) to 
dislocations. All of the encircled areas in Fig. 8m contain junctions of Ni 
cluster and Co-Cr pairs. Detailed analysis on dislocation slip in the SRO 
nanopillars including the example shown in Fig. 7e–h, reveals that 
almost all of the pre-existing dislocation loops and the strong atomic 
pinning sites are located at the junctions of Ni cluster and Co-Cr pairs. 
From the perspective of lattice strain, the large atomic size and modulus 
misfits between the short-range-order domain (consists of Co-Cr pairs) 
and the adjacent Ni cluster create a large elastic stress/strain field that 
poses strong resistance to dislocation slip [79]. From the perspective of 
free energy, the local GSF energy fluctuates strongly across the junction 
between the short-range-order domain having strong Co-Cr bonds [70] 
and the adjacent Ni cluster having strong Ni-Ni bonds [80]; As a result, 
the gliding dislocation tends to be trapped to the low energy valley at the 
junction.

As illustrated in Fig. 8m, the junctions between the short-range-order 
domains and the adjacent Ni clusters are closely spaced in the distance of 
only a few nanometers. The junction-spacing is consistent with the 
wavelengths of incipient concentration waves measured in HEAs [17] 
and the nanocrystalline NiCo solid solution alloy [79]. Therefore, we 
propose that the closely spaced junctions between domains and clusters 
impose intermittent but frequent drag to dislocation slip, thus making 
possible the dense pile-up and/or entanglement of dislocations inside 
the SRO nanopillars, as shown in Figs. 6e and 7b. It is worth noting that 
even in the so-called RSS (defined by the chemical short-range order 
parameter [55]), there are still considerable fractions of 
short-range-order domains and Ni clusters due to the unavoidable 
enthalpic interactions among the constituent elements. Therefore, the 

RSS nanopillars could also sustain a high dislocation density after stress 
drops as shown in Figs. 6e and 7a.

3.4. The sign of strain hardening

Initial dislocation densities higher than 5×1015 m− 2 are introduced 
to all four types of nanopillars and thus expanding the data set to 55 
nanopillars with initial dislocation densities in the range of 
1.24×1015–9.95×1016 m− 2. The reader is referred to Supplementary 
information S3 for details of the large data set including the stress-strain 
responses of the nanopillars. Fig. 9a shows that the yield stresses of the 
Ni and Cu nanopillars with the same dimensions of 20×20×30 nm3 

decrease with increasing densities of pre-existing dislocations. This is 
strictly true for pure metal nanopillars of minuscule volumes in which 
the mean-field conditions for both forest hardening and source- 
truncation hardening break down [9,11,81], and thus exhaustion 
hardening is in sole dominance. However, the yield stresses of the RSS 
and SRO MEA nanopillars tend to level off when the initial dislocation 
densities are larger than ~2.00×1016 m− 2, suggesting that exhaustion 
hardening ceases to operate at such high dislocation densities. Never
theless, moderate scattering of data points with respect to the linear 
decreasing trend, can be seen in Fig. 9a. This is because that the corre
lation between the yield stress and initial dislocation density is affected 
by many factors such as the types of dislocations, number of dislocation 
multi-junctions, distances of dislocations to the pillar surface. For 
example, stair-rod and Hirth dislocations can help to sustain a high yield 
stress, but free-standing Shockley partials (exist in majority) reduce the 
yield stress. However, the influences of these factors on yield stresses are 
limited for nanopillars, because a large number of dislocations tend to 
quickly escape from the confined volume.

Figs. 9b and c show the stress-strain curves and corresponding 
dislocation density evolutions for the nanopillars marked by black ar
rows in Fig. 9a. The Ni and Cu nanopillars yielded at very low stresses 
but gradually gained stresses with intermittent stress drops; After 
yielding, the dislocation densities in the Ni and Cu nanopillars contin
uously decreased with minor undulations. Apparently, mechanical 
annealing is active in the Ni and Cu nanopillars with high initial dislo
cation densities, and the resultant increasing stress with decreasing 
dislocation density demonstrates the exhaustion hardening. In contrast, 
the SRO nanopillar yielded at a high stress of 4.72 GPa and strengthened 
further to 5.79 GPa at the strain of 0.0345. Correspondingly, the dislo
cation density in the SRO nanopillar (Fig. 9c) actually increased with the 
increasing stress (Fig. 9b) within the greenish column, thus demon
strating the phenomenon that resembles forest hardening. Fig. 9d and e 
show the dislocation activities that contribute to the strain hardening in 
the strain range of 0.03–0.0345. As shown in Fig. 9d, at ε = 0.03 – 0.315, 
dislocation nets marked 1 and 2 stay stationary while the Shockley 
partial dislocation 3 glides towards the nets 1 and 2 on the slip plane 
ACD. At ε = 0.032, the Shockley partial dislocation 3 encounters the nets 
1 and 2, and is pinned to stop. Consequently, dislocation 3 and nets 1 
and 2 are mutually trapped to form a large metastable dislocation net 3’- 
2-3’’-1-3’’, as shown in Fig. 9d. Once the dislocation interactions come 
to a stop (Fig. 9d), the Lomer-Cottrell lock shown in Fig. 9e begins to 
unravel at ε = 0.0325; The Shockley partial dislocations on planes ABD 
and ACD become mobile and glide away from the original locked posi
tion marked by the black dashed-lines. At ε = 0.0345, the Shockley 
partial dislocations are tangled again to form new stair-rod and Hirth 
dislocations. Meanwhile, in the strain range ε = 0.03–0.345, activation 
of surface source was undetected, the increase in dislocation density has 
been attributed to extension of dislocation lines and interactions be
tween dislocations, as shown in Fig. 9d and e. Hence, instead of 
exhaustion hardening, strain hardening due mutual trapping and accu
mulation of dislocations occurred in the SRO nanopillar. By the way, 
dislocation entanglement also occurred in the RSS nanopillar, but the 
dislocation density gradually decreases with increasing strain as shown 
in Fig. 9c, indicating that mechanical annealing is still moderately active 
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and counteracting against strain hardening in the RSS nanopillar. Evo
lution of dislocations in nanopillars with pre-saturated dislocation net
works is shown in Video S2.

4. Discussion

In this section, the commonly seen mechanical annealing phenom
enon in pure metal nanopillars is revisited. In contrast to pure metal 
nanopillars, suppression of mechanical annealing in the CoCrNi single- 
crystalline nanopillars is justified and discussed. Furthermore, the un
derlying physics for the transition from exhaustion hardening to strain 
hardening in the SRO CoCrNi nanopillars is verified and discussed.

4.1. Mechanical annealing in pure metals

The strength and plasticity of the single crystals with sizes below sub- 
micrometer are different from those of the bulk samples. For the most 
studied FCC nanopillars, such as Ni, Cu and Al nanopillars, they show 
extremely high mechanical strength and fluctuations of stress-strain 
curves [1,68,82]. The apparent fluctuation of flow stress is attributed 
to repeated dislocation exhaustion (mechanical annealing) and dislo
cation avalanche in the single crystals of extremely small dimensions [2,
16,83,84]. The Cu and Ni nanopillars simulated in this work exhibit the 
characteristics of plastic deformation, such as intermittent stress 
rises/drops (Fig. 4c and d) and continuous rise and fall of dislocation 
densities (Fig. 6a–d). Provided that dislocations are the major plastic 
strain carriers in nanopillars, a sufficient number of mobile dislocations 

is required to accommodate the plastic strain. The mobile dislocations 
can be the pre-existing dislocations and/or be generated by dislocation 
sources. In nanopillars with the diameters or diagonal lengths of only a 
few tens of nanometers, the densities of pre-existing dislocations are 
usually in the range ~ 1012 – 1015 m− 2 [65], corresponding to only a few 
short dislocations which are far from sufficient for strain accommoda
tion [11]. Meanwhile, the Frank-Read source and single-arm source 
cease to operate due to insufficient activation volumes in nanopillars 
[11,85]. Therefore, under compressive deformation the stress increases 
linearly while the majority of the pre-existing dislocations lay dormant 
in low energy states until a sufficient high stress is reached to simulta
neously activate surface sources [10] and pre-existing dislocations; This 
is corresponding to the near elastic loading segment attained at initial 
loading, as shown in Fig. 4a–d. Once the first peak stress is reached, 
dislocation avalanche suddenly occurs to accommodate the plastic 
strain. Meanwhile, under the strong effects of shear stress, image force 
[8,86] and repulsive force [14] between dislocations, the mobile dislo
cations quickly escape from the nanopillar surface, resulting in the 
observed mechanical annealing as shown in Fig. 6 and the Video S1.

4.2. Suppression of mechanical annealing

Detailed analysis on the dislocation density evolutions from statis
tical data and videos, reveals that the extent of mechanical annealing for 
MEA nanopillars differ significantly from the pure metal nanopillars. As 
shown in Fig. 6, the dislocation densities of the MEA nanopillars could 
be retained above 2.45×1015 m− 2, in contrast the dislocation densities 

Fig. 9. The relationship between initial dislocation density and flow stress. (a) Yield stress versus initial dislocation density. (b) and (c) show the stress-strain curves 
and evolution of dislocation density for nanopillars with high densities of pre-existing dislocations; The corresponding samples are marked by black arrows in (a). (d) 
Interactions between a Shockley partial dislocation and pre-entangled dislocations as the shear strain increased from ε = 0.03 ~ 0.032. (e) Mobilization of inter
locked dislocations at the shear strain of ε = 0.0325 ~ 0.0345. The Thompson tetrahedron is provided to help illustrate active slip planes. The same color code for 
dislocations in Fig. 7 is used in this figure.

L. Wang et al.                                                                                                                                                                                                                                   International Journal of Mechanical Sciences 287 (2025) 109979 

12 



could even reach zero for pure metal nanopillars for complete me
chanical annealing. As discussed in previous section, gliding dislocations 
in MEA nanopillars experience very strong local Peierls friction force 
when traversing junctions between the short-range-order domains and 
the adjacent Ni clusters. The strong local Peierls friction forces not only 
slow down dislocation slip, but also increase the probability for dislo
cation entanglement; as a result, significant numbers of dislocations 
could be retained after dislocation avalanche in the MEA nanopillars. In 
contrast, in pure metal nanopillars gliding dislocations experience only 
nearly constant lattice friction forces which can be partially or even 
completely balanced out by strong image forces, hence most of the 
mobile dislocations require low shear stress to escape from the nano
pillar surface; correspondingly, the stress could drop to a few mega
pascals as shown in Fig. 4c and d.

As described by Hooke’s law, σ = Eε, the elastic stress σ is linearly 
proportional to the elastic strain ε. Provided that the Young’s modulus E 
stays a constant for the same material at a constant temperature, the 
increased elastic strain with increasing elastic stress manifests the pro
longed elastic loading segment. Nanopillars experience exhaustion 
hardening that the stress increases with decreasing dislocation density 
[2,9], and thus manifests prolonged nearly elastic loading and reloading 
segments, as shown in Fig. 4a–d. As shown in Fig. 4c and d and Fig. 6a–d, 
in despite of the different initial dislocation densities, the stresses would 
drop below 1 GPa for all Ni and Cu nanopillars after first one or two 
stress drops, and correspondingly the dislocation densities decreased 
below ~2×1015 m− 2 as a result of mechanical annealing; The low 
dislocation densities provide room for again prolonged reloading seg
ments, as shown in Fig. 4e and f. On the other hand, mechanical 
annealing was suppressed in the MEA nanopillars, the stresses were kept 
above 2 GPa after stress drops, and the dislocation densities sustained at 
comparatively high levels above 2.45×1015 m− 2, as shown in Figs. 4a, b 
and 6. The high densities of retained dislocations reduced the effect of 
exhaustion hardening; Therefore, reloading segments are short and the 
reloading strains are low for the MEA nanopillars (Fig. 4a, b, e and f). 
The compressive stress-strain curves of the Ni pillars [2] and the CrCoNi 
pillars [87] obtained by in-situ experiments, show that the relative load 
drop after strain burst is lower for the CrCoNi pillars. Therefore, the 
experimental results [87–89] are supportive to our simulation results of 
suppressed mechanical annealing in MEA/HEA nanopillars. Dislocation 
activities in HEA nanopillars have also been studied previously. For 
example, dislocation pile-ups after dislocation avalanche are observed in 
the FCC Al0.1CoCrFeNi HEA nanopillars, indicating that the dislocation 
networks are not completely exhausted during the stress drop [90]. In a 
body-centered cubic (BCC) HEA nanopillar with a diameter of only 
~300 nm, pronounced dislocation interactions, entanglement and ac
cumulations were observed during compressive deformation, resulting 
in apparent strain hardening [91].

4.3. Transition from exhaustion hardening to strain hardening

As shown in Fig. 6e, the SRO nanopillars show increased dislocation 
densities after stress drops, giving the sign of dislocation accumulation 
in MEA nanopillars. This distinct result makes us wonder to what extent 
can dislocations accumulate while the mechanical annealing is appar
ently suppressed in MEA pillars? In other words, what is the conse
quence of suppressed mechanical annealing for the plastic deformation 
of MEA nanopillars?

There has been a transition from exhaustion hardening to some sort 
of strain hardening in the SRO nanopillars with increasing dislocation 
density, as shown in Fig. 9. Similar phenomenon has been observed in 
larger nanopillars [9,11], and has been confirmed to be the transition 
from exhaustion hardening to source-truncation hardening [6,92]. 
Based on the in-depth survey of literatures [2,9,11,12], we propose that 
the underlaying physics of exhaustion hardening in nanopillars coincide 
with the strain-rate hardening mechanism in defect-scarce crystals [12] 
that can be explained as follows: knowing that dislocations cannot glide 

faster than a maximum velocity (vmax) due to strong electron and 
phonon drags [93,94], when all the mobile dislocations gliding at vmax 
cannot keep up with the strain rate, extremely high stresses close to the 
theoretical strength of the material are needed to activate surface 
sources [10,7,95]. Therefore, there shall be a critical dislocation density 
for exhaustion hardening [2,9,12], above which there may be the 
transition to strain hardening. Under the assumptions that all mobile 
dislocations are gliding at vmax and mutual trapping of dislocations is 
negligible, the critical dislocation density for exhaustion hardening can 
be estimated as (the detail of formulation is provided in Supplementary 
information S4) [12]: 

ρc =
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⎟
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where G is the shear modulus provided in Table 1, b is the Burgers vector 
which can be deduced based on the lattice constant provided in Table 1, 
ε̇ = 108 s− 1 is the strain rate used in this work, fa = 2/3 is the fraction of 
mobile dislocations (a simplified estimation [12]), α = 0.1 is a dimen
sionless constant [96], η ≈ 0.002 is the viscosity [12,93] and vmax is 
obtained from MD simulations (Supplementary information S4). By 
using Eq. (1), the ρc = 3.5314×1015 m− 2 is found for the SRO nanopillar 
and marked by the yellow dashed-line in Fig. 9a. However, according to 
our simulation results, strain hardening (substantial dislocation entan
glement) becomes noticeable at ρc* =~1×1016 m− 2, marked by the gray 
dashed-line in Fig. 9a. The measured critical dislocation density for 
exhaustion hardening ρc* is higher than the theoretical ρc. This is 
because Eq. (1) does not account for the strong local Peierls friction 
forces and mutual trapping of dislocations that can substantially reduce 
the dislocation velocity. Therefore, in practice a nanopillar can have a 
dislocation density higher than the theoretical ρc, but still demonstrate 
exhaustion hardening. However, a dislocation density higher than ρc or 
ρc* does not guarantee the transition to strain hardening. As shown in 
Fig. 9b and c, for the Ni and Cu nanopillars with initial dislocation 
densities higher than ~1×1016 m− 2, the dislocation densities decrease 
with increasing strain via the mechanical annealing mechanism to 
eventually show exhaustion hardening again. Therefore, it is concluded 
that suppression on mechanical annealing and the transition from 
exhaustion hardening to strain hardening in nanopillars are both 
affected by the pillar size, strain rate, and in the current case short range 
ordering.

5. Conclusions

In summary, the continuous elastic to plastic deformation of MEA 
CoCrNi nanopillars with different chemical ordering and initial dislo
cation densities have been investigated in detail. Pure metal Ni and Cu 
nanopillars of the same size and with similar initial dislocation densities 
are used as reference samples.

By quantitatively analyzing dislocation activities and local Peierls 
friction forces, we reveal the origin of large dislocation storage capac
ities in CoCrNi MEA single-crystalline nanopillars. The MEA nanopillars 
containing SRO domains demonstrate strong local Peierls friction forces 
that can pose strong resistance to dislocation slip and hence to increase 
the probability of dislocation entanglement and the capacity of dislo
cation storage. Consequently, the MEA nanopillars show suppressed 
mechanical annealing in contrast to pure metal nanopillars with obvious 
mechanical annealing.

Although pure Ni and Cu can accommodate large dislocation den
sities (~5×1016 m− 2) at some point of the elastoplastic transition, 
eventually dislocations tend to be exhausted at the onset of plastic 
deformation. Therefore, exhaustion hardening is verified the only col
lective dislocation mechanism for pure Ni and Cu nanopillars, despite of 
different pre-existing dislocation densities.
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While mechanical annealing is reluctant in MEA nanopillars, with 
the increase of dislocation density above ρc* = ~1×1016 m− 2, the 
transition from exhaustion hardening to strain hardening occurred in 
the MEA nanopillars, especially the SRO MEA nanopillars. The transition 
of hardening mechanisms is mainly determined by the composition 
complexity and SRO. The strong lattice friction can balance out the 
image force, and thus sustaining stable dislocation networks and 
enabling large storage of dislocations. This has been the first ever 
simulation result to show substantial dislocation accumulation and thus 
strain hardening in nanopillars with such small diagonal lengths or 
diameters.
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